The plastic properties of an aluminium alloy are defined by its microstructure. The 
Introduction
Aluminium alloys are the second most important metallic structural materials after steel and are used in the broadest range of products. The variety of their applications is mirrored by the variety of properties they exhibit. The yield strength, work-hardening and fracture strain of two aluminium alloys may differ by an order of magnitude. Age-hardening may dramatically change these parameters even for the same alloy. In addition some aluminium products, including extruded and rolled sheets, possess considerable plastic anisotropy. Such variety of properties has quite often some common underlying physical mechanisms, which just manifest themselves differently in different conditions. An important task of material science is to uncover these physical mechanisms and to express them through quantitative models, which can be used in practical applications.
The plastic anisotropy was the first characteristic feature of aluminium which was explained by such quantitative physical models. In [2, 3] Taylor developed a theory of plastic deformation of crystals and polycrystals using aluminium for experimental validation. The crystals deform plastically by slip on certain slip systems, defined by crystallographic planes and directions. Therefore the crystalline grains of any metal are intrinsically plastically anisotropic. Polycrystals containing a multitude of grains may be plastically isotropic if the constituent grains are oriented randomly. If some grain orientations are more prominent, or in other words if the polycrystal has a non-random crystallographic texture, the grains with these orientations will have a pronounced contribution to the anisotropy of the whole sample. If the texture of the polycrystal is known, a variety of methods is available to determine the plastic anisotropy, including the full-constraint Taylor model, relaxed-constraint Taylor models, the self-consistent viscoplastic model and finite element models [4] [5] [6] [7] [8] [9] [10] .
The next aspect of the plastic behaviour of aluminium alloys is their work-hardening.
Taylor in [11] and Orowan in [12] introduced the key concept of a dislocation as a defect of the crystal lattice which propagates through the crystal, transfers plastic deformation, carries elastic energy and interacts with other dislocations. Taylor analysed the dislocation structure in the crystal and connected the flow stress in the crystal with its dislocation density. The problem that remained was to determine the evolution of the dislocation density during plastic deformation. Kocks and Mecking [13, 14] proposed an evolution law which consists of two terms. The first term describes the accumulation of dislocations with plastic deformation and is inversely proportional to the mean free path of the dislocation before it is stopped by interaction with another (immobile) dislocation. The second term describes the annihilation of dislocations during straining (dynamic recovery) and is proportional to the distance between two dislocations with opposite Burgers vectors at which they annihilate each other. Different improvements and modifications have been proposed for this basic model including kinematic hardening [15] and influence of grain size [16, 17] . The original model was formulated with an assumption of homogeneous dislocation density inside the material. Nevertheless, even after a more rigorous analysis, when the dislocation structures inside the grain (dislocation cells) are taken into consideration, the general evolution rule still holds [18, 19] .
Aluminium alloys usually contain particles of varying size and chemical composition, such as precipitates, dispersoids and constituent particles. Their interactions with the dislocations and influence on the work-hardening were known for a long time [20, 21] . These interactions were analysed from the point of view of dislocation theory in [22, 23] . It was demonstrated that the dislocation density associated with non-homogeneous plastic deformation around non-shearable particles (geometrically necessary dislocations, as opposed to the statistically stored dislocations) is inversely proportional to the so-called geometric slip distance which in the simplest case (i.e., plate-shaped particles aligned in one direction) is equal to the average distance between the particles. Estrin [24, 25] proposed a generalization of the Kocks-Mecking model where different dislocation accumulation (and consequently work-hardening) mechanisms were represented by their characteristic distances and linearly added together. This approach was used to build models which account for the precipitate particles in [26] [27] [28] .
The two aspects of aluminium alloys -anisotropy and dislocation density based workhardening -were combined in a crystal plasticity model in [29] and developed further in [30] .
The hardening in this model has the same form as in the Kocks-Mecking model, but acts on each slip system controlling the critical resolved shear stress instead of the global stress. This model only includes the evolution of statistically stored dislocations, but it may be generalized in the same manner as the Kocks-Mecking model with terms for other factors contributing to work-hardening added linearly. These terms will again be inversely proportional to the characteristic distance of the corresponding work-hardening mechanism. A crystal plasticity model which includes grain size influence is developed in [31] while twinning is included by its characteristic distance in [32] . The "characteristic length" approach was extended even to the influence of phase transformations on the work hardening [33] . Nevertheless some critique of the basic assumptions of this approach was published recently [34] .
Even if the mechanical properties of an aluminium alloy are closely related with its microstructure, the experimental determination of the microstructure of an alloy is a difficult and tedious task. In [35] and [1] an attempt is made to derive the microstructure from the chemical composition and the thermal history of the alloy. In [1] a complete model for this is proposed, which combines a precipitation model and dislocation based initial yield strength and work-hardening models for the 6xxx family of alloys. It is referred in this article as the Nanostructure Model (NaMo). The theory behind the model is developed by Myhr and coworkers in [36] [37] [38] . The work-hardening model is a version of the Kocks-Mecking equation formulated in terms of global stress and strain. In [39] , the NaMo precipitation model was used together with a crystal plasticity model to study the influence of precipitates on the work-hardening and anisotropy of the aluminium alloys. The crystal plasticity model was of the Kocks-Mecking type, similar to the model in the present work, with two main differences being the precipitate particle description and the latent hardening description. The precipitates were assumed to be rod-shaped (in contrast to the NaMo assumption of spherical precipitate shape) and their influence on the stress-strain response and plastic anisotropy was calculated using the Eshelby equations for the elastic inclusion in an elastoplastic medium. The model was used only for moderate strains, assuming unbounded growth of the geometrically necessary dislocation density. This approach was utilized primarily to study the influence of such precipitates on the plastic behaviour of a single crystal. The experimental part included uniaxial tensile tests applied to an alloy with negligible texture with various heat treatments. NaMo, as formulated in [1] , is treating the polycrystalline nature of aluminium in a very simplified manner, reducing the texture and grain rotation effects to one constant parameter. Furthermore, it was calibrated and tested on aluminium alloys with random texture. In the present work, the effects of crystallographic texture are implemented into NaMo more properly using the crystal plasticity theory. Thus, the effects of plastic anisotropy, due to crystallographic texture and its evolution, on the initial yield stress and work-hardening are included in the model. For this purpose a work-hardening model is proposed for crystal plasticity, which includes the effect of solid solution and precipitate particles on the slip system level. The information about the solid solution concentration and the precipitate particles comes directly from the precipitation model of NaMo. The results from two series of tensile tests have been reported previously by Khadyko et al. for different temper conditions of the AA6060 and AA6082 alloys with pronounced texture [40] and for different material directions of the AA6060 alloy [41] . In the current paper, these experimental results were compared to the predictions of NaMo with and without the crystal plasticity modification. The tests for different alloys and tempers allow evaluating the capability of the precipitation model of NaMo for textured aluminium alloys and to which extent the deviations between predictions and experimental data are caused by crystallographic texture effects. The tests for different material directions allow evaluating the capability of the crystal plasticity part in describing the alloy's plastic anisotropy and to better evaluate the role of texture evolution on the work-hardening.
Experiments
The two series of quasi-static tensile tests on cylindrical specimens of aluminium alloys AA6060 and AA6082, previously reported by Khadyko et al. [40, 41] , are briefly recapitulated in the following for completeness. The compositions of the two alloys are given in Table 1 . The specimens were taken from 10 mm thick and 90 mm wide extruded flat profiles at 90° to the extrusion direction and were given a separate solution heat treatment at 540 o C for 15 minutes before they were quenched to room temperature and subsequently aged to tempers T4, T6x, T6, T7 and O, where the T4 temper corresponds to one week room temperature storage. The heat treatment is described in more detail in Table 2 . The AA6060 alloy in T4 temper was also used for the tensile tests in different material directions. The cylindrical specimens were cut from the profile at different angles θ to the extrusion direction with 22.5° interval (i.e., θ equals 0°, 22.5°, 45°, 67.5° and 90°). To represent the anisotropic properties of the material, a rectangular coordinate system xyz is defined such that the x -axis is in the transverse direction, the y -axis is in the longitudinal direction of the specimen, and the z -axis is always in the thickness direction of the extruded profile.
The uniaxial tensile tests were performed in a testing machine with laser gauges, allowing precise measurements of the specimen's minimum diameter at high frequency. The test set-up made it possible to obtain the true stress-strain curve until fracture for all specimens. The crystallographic texture of the alloys was measured with a scanning electron microscope using electron back-scattering diffraction (EBSD). The EBSD measurements were carried out in the plane defined by the extrusion and normal directions of the profile, using 10 µm steps on a square grid for the AA6060 alloy and 5 µm steps for the AA6082 alloy. The ODFs presented in Figure 1 were calculated from the pole figures in the EDAX TSL OIM software using a harmonic series expansion and triclinic sample symmetry [42] . The textures are typical for recrystallized alloys (AA6060) and non-recrystallized extruded alloys (AA6082), respectively. The most prominent texture component in both alloys is a cube component, but the other orientations differ strongly between AA6060 and AA6082. The texture of the AA6060 alloy is comprised of a strong cube texture with a minor Goss component, while the AA6082 alloy has a cube texture with orientations along the β-fibre, which runs from the Copper to the Brass orientation, through the S component.
The true stress-strain curves obtained in the tensile tests include the contribution of the triaxial stress field, arising in the neck after localization. To remove the triaxial field contribution and obtain the equivalent stress-strain curve for the material the following procedure was used. A finite element model of the tensile specimen was built, with the material described by an anisotropic plasticity model using a two-term Voce work-hardening rule. The tensile test was simulated and the true stress-strain curve from the simulation was fitted to the true stress-strain curve from the experiments by optimizing the parameters of the two-term Voce work-hardening rule. Thus the equivalent stress-strain curve until fracture was obtained for each material, see [40] for a more complete description of the procedure. It should be noted that the equivalent stress-strain curves were determined by using the extrusion direction as the reference direction; i.e., the obtained equivalent stress-strain curves are consistent with true stress vs. logarithmic plastic strain curves from uniaxial tension tests in the extrusion direction. The test specimens on the other hand were cut at 90° to the extrusion direction, because the results from tension tests in the in-plane transverse direction tend to be more consistent and reliable. The results are presented in Figure 2 . Henceforth the equivalent stress or the flow stress in uniaxial tension (without the additional triaxial field caused by necking) is denoted as σ . For the specimens cut in material direction θ this flow stress is denoted as θ σ and found using the Bridgman correction [43] as formulated in [44] :
where y σ is the true stress, a is the minimum radius and R is the radius of curvature of the neck. The geometry of the neck was estimated by the relation
where p u θ ε is the logarithmic plastic strain at the start of necking at orientation θ and k is a parameter. This parameter was found for the 90° direction by fitting the corrected stress-strain curve found from Equation (1) to the equivalent stress-strain curve found from the optimization procedure described above. The obtained value of 0.9 k = was then used for all other orientations, while p u θ ε was found directly from the directional tensile tests, see [41] for a more detailed account of the procedure.
Theoretical foundation

Nanostructure model (NaMo).
A detailed outline of the theory and assumptions lying in the foundation of NaMo is given elsewhere [1, [36] [37] [38] , therefore only a review of the key ideas and equations will be given here. The model consists of three parts: a precipitation model, a yield strength model and a work-hardening model.
Precipitation model
The chemical composition of the alloy and the thermal history are used as an input for the precipitation model. Time is discretized into small steps. The first component of the model is the nucleation law. It predicts the number of stable nuclei, which form at every time step.
The incubation period is neglected and the steady state nucleation rate j calculated according to ( )
where the first exponential term expresses the energy barrier against heterogeneous nucleation, and the second accounts for the temperature dependency of the diffusion coefficient. Further, T is the temperature, R is the universal gas constant, C is the mean solute concentration in the matrix, e C is the equilibrium solute concentration at the particle/matrix interface, 0
A is a parameter related to the energy barrier for nucleation, d
Q is the activation energy for diffusion and 0 j is a pre-exponential term. The nucleated particles are idealized as spherical and are characterized by their radius r , solute concentration p C and an interface energy. These particles may either dissolve or grow as described by the second component of the model -the particle radius rate law
where i C is the solute concentration at the particle/matrix interface and D is the temperature dependent diffusion coefficient. The Gibbs-Thomson equation [36] is used to relate i C to the equilibrium concentration e C . When this equation is combined with Equation (4), an expression for the critical radius 0 r for a particle that neither dissolves nor grows can be derived. At a certain time step during a heat treatment, particles smaller than 0 r dissolve while particles larger than 0 r grow, which leads to the evolution of a distribution of particles of various size, i.e., a discrete particle size distribution (PSD) with a defined number of particles within each size class
then the function becomes continuous).
A range of different particles may form in 6xxx alloys depending on the chemical composition and the heat treatment, but the ones that are of main interest here are the nanometre scale hardening particles consisting of Mg and Si (e.g. '' β and ' β particles), as well as clusters and GP-zones, which may form at room temperature. Each of these classes or groups of particles is represented by a separate PSD in the model, i.e., one PSD for '' β and ' β particles and one for clusters and GP-zones. Since the model assumes that the metastable phases consist of Mg and Si, precipitates containing other elements, such as the Cu-containing Q-phase, are not accounted for. The variation in precipitate size that can be handled by the model ranges from less than 1nm to about 100nm with respect to the equivalent spherical radius, and NaMo has been shown to give reasonable predictions of number density and average size for precipitates within this span in magnitude (see e.g. [37] and [38] ).
The third component of the model is the continuity equation. It is used to find the mean solute concentration C in the matrix, and is based on the fact that even though there may be a transition between elements in solid solution and in the particles comprising the two PSDs during a heat treatment, the overall content of each alloying element remains constant.
The continuity equation reads [45] 
Yield strength model
The yield strength model uses dislocation theory to convert the results from the precipitation model, i.e., the mean solute concentration and the PSD, into a corresponding room temperature yield stress. It considers two kinds of contributions: precipitation strengthening p σ and solid solution strengthening ss σ , in addition to the intrinsic strength of the pure aluminium i σ .
The precipitation strengthening contribution p σ corresponds to the difference in yield stress between a material containing particles and an identical material without particles. For the former material, p σ can be attributed to the extra stress needed for a dislocation to break away from particles acting as obstacles along the dislocation line when the dislocation starts to move. A reasonable expression for p σ can be obtained by calculating the mean obstacle strength of particles that interact with a bowing dislocation along the entire dislocation line by considering the specific strength of each individual particle according to the two governing mechanisms, i.e., shearing of smaller particles and Orowan bypassing of larger particles that exceed a critical radius. In addition, the mean effective particle spacing must be calculated from the particle size distribution using the Friedel formalism [46] before p σ can be obtained as described in [47] .
The solid solution contribution is due to individual atoms of Si, Mg, Mn and Cu that are present in the aluminium matrix. These atoms serve as weak obstacles for the dislocations and their overall strength contribution is calculated using the framework outlined in [37, 46] .
When several strengthening mechanisms are operating simultaneously, it is assumed that their contributions may be added linearly. Thus the total initial yield strength of the material is calculated as
Work-hardening model
The work-hardening model is based on the assumption that the total dislocation density may be decomposed into two parts: the statistically stored and geometrically necessary dislocation densities s ρ and g ρ , respectively, which evolve independently from each other. These two contributions to the dislocation density may be added linearly and applied in the Taylor equation to obtain the work-hardening as [11] 
where α is a constant, M is the Taylor factor, µ is the shear modulus and b is the magnitude of the Burgers vector. The evolution of s ρ is described by the Kocks-Mecking equation [14] ( ) 
The dependence of 2 k on the concentration of elements in solid solution arises from several mechanisms [13, 14] related to the ease of dislocations of opposite sign to annihilate by glide and cross-slip and is described by ( )
Here 3 k is a parameter, determined by calibration against experimental data, and ˆM C is the effective silicon concentration, which is obtained through a correction for the amount of Si being tied up as coarse particles [37] . It is noted that C is taken as the mean concentration of Mg in solid solution for 6xxx alloys.
The evolution of the geometrically necessary dislocation density is a variation of the Ashby equation [23] , adapted for the global plastic strain
where 4 k is a parameter, determined by calibration to tests and , 
where c r is the particle radius defining the transition between shearable and non-shearable particles. Note that , g o λ and o f are calculated from just one of the two PSDs, i.e., the PSD representing β ′′ and β ′ particles, since for the other distribution representing clusters and GP-zones, all particles are less than the critical radius (i.e., i c r r < ).
Crystal plasticity model
Single crystal kinematics and kinetics
The finite deformation formulation of single crystal plasticity is used. The deformation gradient F is multiplicatively decomposed into an elastic part e F and a plastic part 
The plastic power may be rewritten as a sum of powers spent on all the slip systems 
Flow and work-hardening rules
The plastic flow is described by a rate-dependent rule 
which by use of Equations (27) and (28) 
Polycrystal modelling
The behaviour of the polycrystal is modelled using the assumption of a constant deformation gradient in all grains -i.e., the full-constraint Taylor model. This model does not provide stress equilibrium between the grains and usually slightly overestimates the global stress. Nevertheless, it is still fairly accurate and computationally efficient. The use of this model for predicting the yield stress anisotropy against other models (relaxed constraint, selfconsistent and finite element models) is discussed in [4] and [48] .
The deformation gradient is equal to the global deformation gradient for all constituent grains and the global Cauchy stress σ is found as an average of the local Cauchy stresses k σ in the grains
where g n is the number of grains. The contribution of all grains to the total stress is the same, meaning it is assumed they all have equal volume.
The plastic rate-of-deformation tensor 
and is used to express the equivalent plastic strain rate in grain k by
The Taylor factor M of the polycrystal is then defined as the ratio of the average slip rate to the average equivalent plastic strain rate over all the grains, i.e., 
Parameter identification
Before NaMo may be used to calculate the stress-strain curve of a 6xxx aluminium alloy, it must be calibrated against experimental data. The parameters that need to be calibrated are:
• the dislocation accumulation coefficient, 1 k The parameters 1 k and 2 k are found by fitting Equation (8) for work-hardening and Equation (9) for statistically stored dislocation density to the experimental stress-strain curves for two specimens made from different alloys, but heat-treated to the same temper, for which there is no considerable particle influence (in this case W10 temper, see [1] for more details); 3 k is then found from the obtained 2 k . The remaining parameters 4 k , fitting the same equations and in addition Equation (11) for the geometrically necessary dislocation density to the experimental stress-strain curve of a specimen which is heat treated to a temper with considerable influence of precipitate particles on the response (namely T7 temper). The details of the calibration and the parameter values for 6xxx alloys may be found in [1] . It should be noted here that NaMo was calibrated for 6xxx alloys in 
Provided that parameter a in Equation (28) is sufficiently large, the saturation value of the geometrically necessary dislocation density may be estimated without much loss of accuracy k were found, they were used in Equation (35) , together with the equivalent Mg concentration, known from the precipitation model, to find by adjusting them in such a way that g ρ would grow at the same rate and saturate at the same value compared to s ρ in CP-NaMo as in NaMo, i.e.
CP-NaMo NaMo
and CP-NaMo NaMo The remaining of crystal plasticity model parameters were taken from literature (e.g. [7] ). Their values are shown in Table 3 .
The stress-strain curves from NaMo and CP-NaMo are presented in Figure 4 . Because NaMo uses the Taylor factor 3.1 M = corresponding to random texture, a set of 1000 random orientations was used as the input into the calculations. In NaMo this value stays the same throughout the deformation, but in CP-NaMo it evolves, as may be seen in Figure 5 . The difference in Taylor factor is as high as 15% for large strains, leading to different shape of the stress-strain curve. NaMo has a characteristic saturation of the stress, where the hardening rate falls practically to zero, while CP-NaMo for random texture continues to harden even when the dislocation densities on active slip systems have saturated, because of the evolution of the Taylor factor. Another difference is the latent hardening parameter q αβ in CP-NaMo, which is not found in NaMo and could hardly be implemented in it in a simple way. So, if this is taken into account, obtaining exactly the same stress-strain curves with CP-NaMo and NaMo is not possible (and probably not desired) in some cases. The data from the precipitation model, used as the input, is given in Table 4 and the obtained parameters of CP-NaMo are given in Table 5 . The physical meaning of the extreme values of L and sat g ρ for the T4, T6x and O tempers is just that for these tempers the production of geometrically necessary dislocation is effectively non-existent and the precipitates do not contribute to the work-hardening. The We attempted a more direct calibration, where the experimental curves and CP-NaMo were used from the very beginning, but this attempt failed. Notably, the stress-strain curves in temper T4 for the two alloys did not fall into the assumed framework in which the work- 
Results
Using the parameters determined in Section 4 and the measured crystallographic texture, CP-NaMo was applied in combination with the full-constraint Taylor model to compute the equivalent stress-strain curves of all the tested alloy/temper combinations and these curves were compared to those obtained experimentally and with NaMo. In this procedure, the crystallographic texture of the alloy was used. NaMo is formulated in terms of slips and resolved shear stresses, and uses the Taylor factor 3.1 M = to find the global stress and strain. This approach is reasonable to use for alloys exhibiting random texture (and perhaps weak texture), but in the case of the present experiments the texture is not random.
Instead of a constant Taylor factor, we obtain a value relevant for the actual alloy and also its possible evolution, as shown in Section 4. The equivalent stress-strain curves obtained from NaMo and CP-NaMo are compared with the experimental curves for all alloy/temper combinations in Figure 6 .
In the case of the AA6060 alloy, the stress-strain curves of the tempers with high precipitate contents (i.e., tempers T6 and T7) are predicted reasonably well by NaMo, even in the quantitative sense. The stress level is slightly overestimated for temper T6 and underestimated for temper T7. The predictions for temper T4 are less accurate, mainly because the work-hardening rate decreases too rapidly and the stress saturates at a lower value than in the experiment. The predictions for the T6x and O tempers are the least accurate. The O temper has the lowest stress levels of all tempers in the experiment, while NaMo predicts a stress level similar to temper T4. The yield stress and saturation stress of the T6x temper are overestimated, while the work-hardening rate drops to almost zero much faster than in the experiment. With respect to the texture of the AA6060 alloy, the actual Taylor factor is considerably lower than for a random texture, as seen in Figure 5 . Consequently, the predictions with CP-NaMo show the same pattern as the predictions with NaMo, but CPNaMo predicts lower stress levels due to the lower Taylor factor. With the exception of the T7 temper, the predictions exhibit too rapid decrease of the work-hardening rate and consequently premature saturation of stress to a constant value. The evolving Taylor factor in the CP-NaMo calculations compensate for this but only slightly (the evolution of Taylor factor for AA6060 is insignificant) and not even closely to a sufficient degree. Another difference between the model predictions may be seen e.g. for tempers T6 and T7. The workhardening rate predicted by NaMo drops very abruptly when the geometrically necessary dislocations stop to accumulate. This behaviour is not observed in the experiments and is quite unphysical. In CP-NaMo, saturation of the geometrically necessary dislocation density leads to a smooth transition towards lower work-hardening rate. Out of the two alloys considered, the predictions for the AA6060 alloy are the least accurate. The error is also not systematic for either of the two models.
The actual Taylor factor for the AA6082 alloy is quite close to the one for the random texture, and, thus, the difference between the stress-strain curves predicted by NaMo and CPNaMo is less pronounced. However, the evolution of the Taylor factor is more noticeable than for the AA6060 alloy, which leads to better predictions of the work-hardening rate at large strains with CP-NaMo than NaMo. The predictions for the O temper fail again, but for the other tempers the predictions are fairly accurate. The initial yield stress deviates from the experimental one for tempers T6x and T7, but the predictions of the work-hardening are reasonably good for all tempers except the O temper.
The AA6060 in temper T4 alloy was used to evaluate how CP-NaMo describes the plastic anisotropy of the material. The anisotropy of the plastic flow is represented by x ε versus z ε diagrams in Figure 7 , where x ε is the logarithmic strain in the transverse direction of the specimen and z ε is the logarithmic strain in the thickness direction of the extruded plate. The slope of the x ε versus z ε curve represents the strain ratio evolves considerably as well. At specific plastic work corresponding to 5% equivalent plastic strain in the 90° direction, there is a global maximum at the 0° orientation and a local maximum at 67.5°. In the simulations, a local maximum occurs at the 0° orientation, while the global maximum is found at the 67.5° orientation. As the deformation progresses, a global maximum arises at the 45° orientation in both the experiment and the simulation. The large value of the flow stress ratio in the 0° orientation for some extruded AA6xxx alloys, which the CP simulations do not reproduce was reported previously [51] . To prevent this inconsistency from skewing the results for all the orientations, 90° orientation was used for normalization.
Another way to display the influence of texture evolution on the plastic anisotropy in uniaxial tension is to calculate the Taylor factor M as a function of plastic straining in the different material directions. The results are plotted in Figure 9 . The importance of the evolution of the Taylor factor clearly depends on the initial texture of the alloy. The evolution of M is not significant for the AA6060 alloy in the 0° orientation, and as a result the assumption of a constant Taylor factor in NaMo should work reasonably well. But for less stable textures, especially the 45° orientation, the evolution is considerable and cannot be neglected in simulations. On the contrary, the evolution of M is less direction dependent but still significant in the simulations of the AA6082 alloy.
Discussion and conclusions
CP-NaMo provided some improvements over the baseline NaMo with respect to predicting the stress-strain curves of the two studied alloys in the reference direction, mainly by accounting for the texture influence in a better way than by using a constant Taylor factor.
However, overall it did not improve the results, which are still dominated by the precipitation model. This model may be enhanced by including some other possible dislocation obstacles.
For example, the Cr dispersoids that are present in the AA6082 alloy may be added as another sort of non-shearable particles. In this alloy, the yield strength was underestimated for all but the T7 temper, unlike the AA6060 alloy where the stress was either overestimated or underestimated without a preference.
The precipitation model provides input for both the yield stress and the work-hardening model, and is therefore crucial for the accuracy of the predictions of the resulting stress-strain curves. Accordingly, inaccurate predictions of the precipitate structure will inevitably lead to deviations between the predicted and measured initial yield strength as well as work-
hardening. There are a number of simplified assumptions both for the nucleation and the growth and dissolution equations which may be violated and cause errors in the predictions. The precipitation model is also a main reason for the deviations between NaMo and measurements for the underaged T6x temper condition. This is a demanding ageing heat treatment to predict since the nucleation rate may be very low for a certain time period at the start of the ageing, known as the "incubation time". Since the incubation time is not included in the nucleation laws of the precipitation model, NaMo may be somewhat inaccurate for the early stages of ageing. For the present materials, the low composition alloy AA6060 exhibits a distinct incubation period, where the macroscopic yield strength remains almost constant, and where NaMo overestimates the precipitation and the corresponding yield stress significantly. This is in contrast to the AA6082, which due to its higher alloy content, does not show a pronounced incubation period and for which NaMo tends to underestimate the initial yield stress (see Figure 6 ).
The crystal plasticity part of CP-NaMo managed to add the influence of the evolving texture to the baseline NaMo. Figure 9 shows the predicted evolving Taylor factor due to the texture evolution under straining, while Figure 7 and Figure 8 confirm that the main features of the texture evolution were reproduced by the CP model. The predictions of the strain ratio could be improved by using a more advanced homogenisation method, namely modelling individual grains with one or several finite elements (CP-FEM). The results in [41] indicate that CP-FEM allows to obtain more quantitatively accurate prediction of the anisotropy in plastic flow. Concerning the flow stress ratio, the experimental results seem to show that the texture is not the only source of strength anisotropy for the AA6060 alloy. The flow stress ratio is very high for the 0° orientation at lower strains and not captured in the simulations, but at higher strains the ratio is predicted well by the texture-based crystal plasticity model. This may be explained by a higher initial slip resistance on some of the slip systems, stemming from a high initial dislocation density on some slip systems. In the course of deformation, the dislocations are produced on all active systems and gradually the initial densities stop playing a significant role in the crystal response (see also [41] ).
With respect to the tensile tests in the reference direction, NaMo and CP-NaMo predicted the general trends in the response of the two alloys in different heat treatment conditions and in some cases the predictions were quite close to the experimental curves. One should remember that these results were obtained without any reference to the actual tensile tests performed on these specimens, just using the chemical composition, the thermal history and texture measurements. In a qualitative sense, CP-NaMo predicted the higher yield stress and lower work-hardening rates of the T6x, T6 and T7 tempers as well as the lower yield stress and the higher work-hardening rate of the T4 and O tempers. This indicates that while the precipitate model still has some problems, it manages to capture the physical mechanisms of the particle precipitation and may be improved in the future. The crystal plasticity model managed to predict the plastic anisotropy of the material and even its evolution reasonably well based only on the measured crystallographic texture. These results would be impossible to obtain using the assumption of a constant Taylor factor adopted in the original NaMo. In addition, the precipitate model provides the crystal plasticity model with microstructural information, which is very hard to obtain experimentally, such as the solid solution concentration and the characteristic precipitate size and distance. Therefore, the implementation of crystal plasticity in NaMo is not only physically correct, but simply inevitable, if one aims to use nanostructure modelling for alloys with a wide variety of crystallographic textures. Also, further development of NaMo and CP-NaMo will help to 
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